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Abstract
Measuring the fracture toughness (KIc) of glasses still remains a difficult task,

raising experimental and theoretical problems as well. The available methods to

estimate KIc are reviewed, with emphasis on their respective advantages and

drawbacks. In view of our current understanding, this analysis gives precedence

to the SEPB method. The ultimate glass strength, the critical flaw size, and the

indentation load for the onset of crack initiation are discussed, in the light of

the fundamentals of fracture mechanics and classical background regarding the

mechanics of brittle materials. Analytical expressions were further proposed to

predict the fracture energy and fracture toughness of glasses from different chemi-

cal systems from their nominal compositions. The theoretical values were com-

pared with the experimental ones, as obtained by self-consistent methods when

available. The agreement observed in most cases suggests that measured KIc val-

ues correspond to the crack propagation regime (as opposed to the crack initiation

threshold), and supports previous investigations in glasses and ceramics, which

showed that a crack tip is nearly atomically sharp in these materials (but for

metallic glasses). Some ideas to design tougher glasses are finally presented.
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1 | INTRODUCTION

Fracture toughness defines the resistance of a material to
the extension of a pre-existing flaw (crack). The opening
mode being the most critical for brittle materials it is
mostly referred to as KIc, i.e. the critical value of the stress
intensity factor for a crack opening normal to its mean
propagating plane (mode I). It is an important material
characteristics allowing for the estimation of the flaw size
from the actual resistance or conversely for the estimation
of the practical fracture stress knowing the critical flaw
characteristics (size, shape, orientation, and location). A
value smaller than 2 MPa.√m is an indication of brittleness
and is common for ionocovalent glasses (oxides, chalco-
genides, oxycarbonitride). Nevertheless, a glance at Fig-
ure 1 reveals that a wide range of values were reported for
glasses, from about 0.1 to over 20, depending on the chem-
ical system, and on the composition within a given system

as well. Although some correlation were seen between KIc

and Poisson’s ratio (m) when some peculiar class of glass is
under scrutiny, there is no one to one trend. Interestingly
the softer isn’t always the tougher: there are very brittle
glasses exhibiting a remarkably low hardness, such as
chalcogenide glasses, and vice-versa hard glasses, such as
silicon oxynitride ones, being also relatively tough. An
even larger spectrum is achieved by playing on the nano-
micro-structural features by phase separation or crystal-
lization treatments to meet glass-ceramic materials. It is
noteworthy in this latter case that a toughness improvement
is not always observed because of the development of
residual stresses upon cooling from the heat-treatment tem-
perature, which is of paramount importance to understand
the behavior of the final product.

The way to assess brittleness in a quantitative manner is
still a matter of controversy and debates. On the one side,
inherent brittleness is a very unfavorable situation to
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implement suitable experimental methods and to machine
specimens for fracture toughness determination. On the
other side, the critical load (Pc) for the initiation of damage
(cracks, chips) at the surface under sharp contact loading
(indentation, scratching, etc.) is at least as important as
fracture toughness. As long as the problem of mechanical
surface damage (impact, indentation, scratches) and the
consequences on the sructural integrity and on the optical
properties are considered, the relevance of KIc as a key
parameter is questionable. Indeed, Pc as well as the geo-
metrical characteristics of the microcracking pattern, which
depends on the way the glass deforms under contact load-
ing seem equally essential. A brittleness parameter (B = H/
KIc, where H is hardness) was introduced about four dec-
ades ago to describe the sensitivity to indentation cracking
by comparing the indentation size with the resulting crack
length.1 Nevertheless, as we will show in this paper, corre-
lation between Pc, KIc, and other materials characteristics
such as hardness and elastic moduli still remain to be
established. A major problem so far lies in the insufficient
understanding of the underlying physics, especially for the
inelastic deformation processes, which are responsible for
the formation of imprints and scratches. Progress in this
area is discussed in this article.

Another issue with fracture toughness, which was already
recognized more than a century ago2 and drove much atten-
tion since the 1950’, is the environmental effects, and more
specifically the effect of humidity. Water in the ambience
not only enhances crack extension but also affects crack tips
and surface flaws in different ways depending on the compo-
sition, and can be either detrimental or advantageous. For
instance water penetrating the surface of amorphous silica
induces compressive internal stresses that decrease the sur-
face flaw sensitivity. The environmental effects were widely
documented and review papers were recently published on
this subject.3 Such effects are thus not further discussed in
the present paper. Besides, the domain of surface treatments

(thermal and chemical tempering, grinding and polishing,
coatings etc.), which are known to significantly affect the
crack resistance, and became a very important field of acti-
vity both in academic institutions and in the glass industry,
is going far beyond the scope of the present analysis and is
not considered here.

2 | EXPERIMENTAL METHODS FOR
THE DETERMINATION OF
FRACTURE TOUGHNESS OF GLASS

The critical stress intensity factor in the crack opening
mode (KIc), refereed to toughness is mostly determined by
means of the following expression.4

KIc / rr
ffiffiffi
a

p ð/: proportionalÞ (1)

where rr is the actual fracture stress of a sample with a
pre-existing flaw of length a (critical crack size). The pro-
portionality constant in Equation (1) varies with loading
configuration and with the specimen and crack geometries.

There are numerous methods to evaluate fracture tough-
ness and the crack extension behavior, among which only
a few were popularized or adapted to glass by glass scien-
tists. Table 1 summarizes some of these methods.5-36

Indentation-based methods (IF for Indentation Fracture),
based on the length of cracks propagating from an indent,
or on the critical load to extend a sharp surface flaw, are
by far the most common, but needs to be calibrated. Then
some self-consistent methods, which are based on the
determination of the peak load at fracture of a specimen
with a controlled flaw (pre-crack or notch), include the
controlled surface flaw (CSF), the single-edge notch beam
(SENB), the single-edge precrack beam (SEPB), and the
chevron notch beam (CN) methods. In the latter cases,
stable crack extension might be observed provided the
specimen geometry is carefully designed and the testing

FIGURE 1 The apparent fracture
toughness of glasses, as obtained by means
of various experimental methods as a
function of Poisson’s ratio
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machine (including the set-up) compliance is small enough.
In such circumstance, KIc can be determined either from
the peak load and the corresponding crack length (from
Equation 1) or from the mechanical energy dissipated for
the complete stable fracture process, namely the work of
fracture (WOF =

R uf
o Pdu ¼ 2cS; where uf is the specimen

displacement at complete fracture, P the applied load, S the
overall newly created surface area, and c the fracture sur-
face energy). The stress-energy similarity principle provides
the following expression for KIc:

KIc ¼
ffiffiffiffiffiffiffiffiffiffiffiffiffi
2cE
1� m2

r
(2)

where E is Young’s modulus.

It is noteworthy that as temperature is increased, or
as the glass transition temperature (Tg) is decreased, or
as the interatomic bonding becomes weaker (from iono-
covalent to metallic for instance), the stress-strain curve
shows some departure from linearity and the validity of
the fracture toughness test is questioned. This happens
for example in chalcogen-rich chalcogenide glasses as Tg
get closer to room temperature, or as glass specimen are
heated close to Tg, so that some visco-elasto-plastic
behavior is observed, which ultimately results in the brit-
tle-to-ductile transition. In the case of metallic glasses,
some plastic zone where shear bands were observed may
develop at the crack tip and the toughness test needs to
be validated and mostly requires a fatigue pre-crack to

TABLE 1 Measurement methods of fracture toughness of glass

Method
Suitability for
glass Advantages Drawbacks References

IF (Indentation Fracture) Use with care i Applicable to small specimens.
ii Simple testing procedure.
iii Suitable to study surface

damage and the onset of

crack initiation

i Difficulty to identify the crack system.

(Half-Penny7,8,16 or Palmqvist9-11)
ii Densification affects the value.
iii Inapplicable to most glasses.

(The method using the Cone-crack

length is proposed.)15

[5-16]

CSF (Controlled
Surface Flaw)
IS (Indentation
Strength)

Use with care Easy pre-cracking
by indentation

i Residual stress around the indent

affects the value.
ii Lateral and/or other cracks affect

the stress field.

[17–20] (CSF)
[21] (IS)

SENB (Single-Edge
Notched Beam)

Use with care Self-consistent The notch width affects the value [22, 23]

SEPB
(Single-Edge
Pre-Cracked Beam)

Suitable i Self-consistent.
ii Tip radius of pre-crack is

atomically sharp

Sometimes difficult to obtain
and to measure the length
of the pre-crack

[16, 17, 24, 25]

CN
(Chevron-Notched Beam)

Suitable i Self-consistent
ii Fracture origin is always at

the tip of chevron

Machining of the
chevron-notch is difficult

[17, 26–28]

DCDC
(Double Cleavage
Drilled Compression)

Applicable i Self-consistent.
ii Simple loading condition.

i The condition "free from fatigue" is
required. (cf. Inert condition or
high crack velocity)
ii The stress intensity factor
at the crack tip isn't precisely known

[29, 30]

CTOD
(Crack Tip Opening
Displacement)

Applicable i Self-consistent.
ii Useful for bulk metallic glass.

AFM, SEM or TEM observation of the
crack-tip is required for oxide
glasses.28

[31, 32]

DCC
(Double Cantilever
Cleavage)
WOL-type CT
(Wedge-Opening-Loading-
type Compact Tension)

Applicable i Self-consistent.
ii Simple determination of

stress intensity factor

Difficult to machine a specimen [22, 33, 34] (DCC)
[35] (WOL)

DT
(Double Torsion)

Applicable i Self-consistent.
ii Simple loading condition.
iii Stress intensity factor is

independent of the

crack length.

The crack propagation occurs not
only in the mode I but in the
mixed I/III mode

[36]
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avoid extensive plasticity (and extensive blunting) ahead
of the notch radius.

Among the various methods, indentation-based ones
(IF) have been widely used in determining the fracture
toughness of brittle materials. This is primarily because of
the ease for the specimen preparation, and further for crack
nucleation from a sharp indenter. However, the use of IF
methods calls for caution, not only because of the com-
plexity of the microcracking pattern, but also because of
the significant contribution of densification and pile-up to
the formation of the imprint.37-39 The occurrence of densifi-
cation already drove Arora et al.38 to differentiate between
anomalous glasses and normal ones, in view of their inden-
tation-cracking behavior. Chiefly four-fold coordinated
glasses (silica-rich glass for example) were found to experi-
ence densification and to exhibit cone cracking (anomalous
behavior) beneath a Vickers indenter. The following state-
ment was made five years ago by Lawn et al.40 in a review
paper on sharp indenter probing of materials: “Some mate-
rials. . . may undergo densification by compaction or phase
transformation from the intense hydrostatic compressive
stresses within the immediate contact zone. . ..In such

instances the volume of the indentation is more readily
accommodated within the compaction zone, diminishing
the intensity of any residual stresses. Expanding cavity
models are then no longer valid”. High pressure investiga-
tions conducted in the past fifteen years on series of glasses
from different chemical systems, either by isostatic loading
or by sharp contact loading, uniformly concluded to densi-
fication mostly contributing to over 40 % of the indentation
deformation39,41-48! The indentation cracking behavior is
clearly very sensitive to the extents to which densification
and pile-up develop42-48! Interestingly, Poisson’s ratio (m)
shows up as an index allowing for a simple (but rather
rough) discrimination between densification and shear
flow.41–43 At low m, densification prevails and ring/cone
hertzian-like cracking is observed (a-SiO2 and SiO2-rich
glasses, borosilicate glasses), so that radial cracks are very
limited and indentation cracking methods result in Kc val-
ues being overestimated. At large m shear (pile-up) is
favored and radial as well as lateral cracking occur, unless
ductility and toughness prevent from extensive cracking, as
for Zr-based metallic glasses (Figure 2). The volume of the
affected zone might be very different for glasses having

FIGURE 2 Glasses from different
chemical systems indented for 15 seconds
in ambient conditions using a Vickers
diamond indenter. See Ref. [43] for details
regarding the composition and the loading
specifications
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similar hardness and Young’s modulus depending on their
respective abilities for densification and shear flow. There-
fore one can easily understand that Kc values determined
by the IF test may be very different from those measured
by self-consistent methods.49 Typical examples of situa-
tions where the indentation cracking behavior would lead
to greatly overestimate Kc are shown in Figure 3.50-52

Glasses displayed in Figure 3 can be viewed as resistant
to indentation cracking, but this does not necessarily entail
a large toughness! An attempt to account for the elastic
recovery and the pile-up of matter by Feng53 gave agree-
ment between experiments and FEM modelling in the
case of perfect elasto-plastic materials (i.e. not for glass!).
A classical plastic yield criterion sounds inappropriate in
view of the physics of densification, which is a kinemati-
cally bounded process and implies strain-hardening, as
well as concomitant changes of the elastic moduli.
Besides, none of the equations associated with the estima-
tion of Kc from IF method (and there are over 19 of such
equations13) yields a value close within 5% to those
obtained by standardized methods that are recognized as
self-consistent, regardless of the glass composition. A
comparative study of IF with other methods such as
SEPB, CN and CSF yields the same conclusion consider-
ing ceramics with controlled microstructures.54,55 The
recently obtained data regarding densification and shear-
flow phenomena in glasses are very encouraging and open
new realms of possibilities for the search of sensible frac-
ture toughness expressions dedicated to this class of mate-
rials.41,43 In the case of glasses, Kc values as determined
by IF are typically 20%-60% shifted from SEPB or CN
values, and the shift differs from one chemical system to
the other. For example Vullo et al.49 reported values rang-
ing between 0.37 and 0.53 MPa�√m by IF method with
different equations, while they obtained 0.62 by the CN
method for the SF6 lead silicate glass from Schott
(Table 2). For a lead-copper-borate glass with 10 mol%
CuO (Table 2), IF values are between 0.35 and
0.8 MPa�√m depending on the equation,56 while the SEPB
one is 0.42 MPa�√m. A relatively good correspondence is
noticed though for a classical window glass (soda-lime-

silica system) which was often included in the series of
materials used to calibrate the method.

On the one hand, IF, CSF, and IS methods are simple
evaluation methods for KIc, but remain essentially empiri-
cal and inaccurate. On the other hand, SEPB and CN
methods are based on well-defined crack geometries and
benefit from self-consistent expression for the stress
intensity factors.

In the SEPB test,16,17,24,25 a popped-in pre-crack is pre-
pared on the single edge of the specimen, so that the tip
radius of the popped-in crack is atomically sharp, and prob-
lems of the crack-tip roundness or notch width are solved.
Some specifications regarding the bridge indentation need
to be accounted for though. The SEPB method uses the
bridge indentation to pop-in a sharp pre-crack from a notch
slit or from an alignment of several indentations with radial
cracks. The bridge indentation setup consists of two paral-
lel and well-polished bridge anvils. An indented or notched
specimen is sandwiched between the anvils and loaded in
compression until a pre-crack pops in (acoustic emission
can be used to monitor the event and to control the
machine actuator). Other techniques to produce the sharp
pre-crack were also reported in previous papers.57-59 KIc is
then calculated from the pre-crack depth, and from the load
at fracture of the pre-cracked beam during a three- or four-
point bending test. Although operator skill and experience
are required, the crack-tip obtained in the SEPB method is
ideal for determination of KIc, so that the SEPB method is
hence recommended to measure a glass toughness.

The CN method17,26–28 is an alternate suitable self-consis-
tent technique. The chevron(triangular) notch is machined
not only in the four- or three-point bend specimen but in the
short bar or rod. Since the CN specimen makes it possible
for a crack to propagate stably, the short bar or rod specimen
is used for determination of fracture surface energy from the
load vs displacement curve during stable fracture. The frac-
ture origin of the CN specimen is always located at the tip of
chevron. Fracture toughness can be calculated from the max-
imum load, corresponding to a critical crack extension and
thus to a sharp crack tip, and from the sample geometries
without measuring the crack length.

FIGURE 3 Vickers imprints left at the
surface of a SiOC polymer-derived glass, a
silica-rich magnesium-aluminosilicate glass
(so-called low brittleness glass) and an
alumino-silicate glass (bead synthesized by
the levitation technique with a laser
heating), from Refs. [50-52]
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3 | WHAT WE KNOW ABOUT THE
ULTIMATE GLASS STRENGTH AND
THE ACTUAL WEAKNESS OF
GLASS?

3.1 | The ultimate glass strength

The ultimate glass strength, or the intrinsic glass strength,
can be estimated from the failure strength or strain at frac-
ture of pristine (supposedly flaw-free) fibers in inert condi-
tion. The intrinsic failure characteristics are then derived by
making some assumptions regarding the constitutive law
for the non-linear elastic behavior, especially at such a high
stress level. In the previous review papers, Kurkjian
et al.60,61 explain that the intrinsic strength should include
effects of intrinsic features such as defects frozen-in struc-
tural inhomogeneity, but not the effects of extrinsic contact
damage. Therefore, it is considered that the intrinsic glass
strength is a function of temperature, fictive temperature,
strain rate, and glass composition. Since the practical glass
strength is in general controlled by the extrinsic flaws and/
or by slow crack growth, it is very difficult to evaluate the
effects of the glass composition on strength (See the Mould
plot.62 Figure 4). In the Mould plot, log r is plotted
against log a according to Equation (1). From this equa-
tion, it is found that fracture toughness of glass shifts the
position of the Mould’s plot up or down. As shown in
Table 2, however, the compositional variation of fracture
toughness is much smaller than the variation of glass
strength with flaw depth. In order to evaluate the effect of
composition on glass strength, one should obtain the
strength of glass containing only inherent flaws. In fact,
Brambilla and Payne63 reported that silica nanowire manu-
factured by “modified flame brushing technique” exhibits
considerably high tensile strength, ~26 GPa which is close
to the theoretical limit of silica strength as estimated from
Young’s modulus, the mean interatomic distance, and the
surface energy.

The exceptionally high strength of fibers free from extrin-
sic flaws requires the use of a two-point bending loading
set-up. This method is advantaged by the absence of fiber
gripping devices, and can easily be used in inert condition
(liquid nitrogen). One disadvantage though lies in the diffi-
culty of determination of the failure stress, since the strain is
the sole experimentally available parameter. Besides, the
intrinsic fracture stress is associated to unusually large strain,
over 0.1. In this range, the consititutive law is no longer lin-
ear. Nevertheless, some attempts have been reported to
obtain the precise values of the intrinsic failure stress from
the two-point bending failure strains.64,65

The variation of the intrinsic strength with the compo-
sition of oxide glasses was investigated with this tech-
nique. The failure strain of binary silicate and sodium

aluminosilicate glasses was found to increase with an
increasing number of non-bridging oxygen atoms (NBO)
in glass.66,67 Figure 5 shows a relation between the intrin-
sic failure strain of binary silicate glasses and NBO con-
centration.68 The authors explained that the presence of
NBO appears to allow the glass network to deform more
prior to fracture. In addition, it has been also reported that
the intrinsic strength of binary sodium silicate glasses
scales with their hardness.61 This observation is interest-
ing, because hardness is a measure of flow under a sharp
indenter while fracture occurs under tension. Authors put
forward the hypothesis that both failure in tension and
flow during indentation are associated with the breakage
of Si–O–Si bonds or Si–O–Na bonds in glass. Although
there has been long lasting debates about a relation
between hardness and strength,69,70 the physics behind
still remain to be elucidated. This is probably due to the
complicated mechanism of permanent deformation in glass
at ambient conditions.

The other interesting phenomenon on two-point bending
strength of glass fibers is Inert Delayed Failure Effects
(IDFE). IDFE means the rate dependence of the intrinsic
strength in inert condition. Unlike the normal fatigue
behavior of glass in humid condition, the failure strain
increases with decreasing the strain rate. Figure 6 shows
one example of IDFE for Na2O–SiO2 system.68 The
authors claim that IDFE is related to silicate network
motions associated with non-bridging oxygens (for exam-
ple, internal friction of NBO). Although the detail mecha-
nism of IDFE is still unclear, such an energy dissipation
process as ion motion under high tensile stress may control
the ultimate glass strength. Further experimental and mod-
elling works will be highly required in this exciting
research field. Actually, recent MD studies of intrinsic
nano-ductility in glass may help us understand the ultimate
glass strength.71

FIGURE 4 Strength vs effective flaw depth for glass62 (The
original figure is modified using SI units.)
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3.2 | Surface flaws, indents and associated
residual stresses

As stated in 3.1), the practical glass strength decreases due
to the extrinsic contact damages. Even after heat treatment
of a pristine glass at far below Tg, a rather striking decrease
of the strength has been reported (See Figure 4). The effect
of the heat treatment appears to be a surface phenomenon.
The original strength is restored after subsequent etching to
remove a thin layer of surface away.72 Mould62 described
the effect of annealing as a surface phenomenon, and
named the surface “flaws” that are enlarged by heat treat-
ment as “structural flaws”. However, as Mould himself rec-
ognized in his paper, the question of the size of the
structural flaws remains open: Even though a size of

~10�7 m is predicted (Figure 4), such flaws, which should
be detected, were not observed! Hydration due to water dif-
fusion73 is a key phenomenon to understand the strength
reduction, but further experimental and modelling works
will be required in this scientific area to clarify the relation
between surface and mechanical properties in glass.

In principle, the size of the critical surface flaws from
which fracture originates can be estimated from the actual
glass strength, knowing its fracture toughness (Equation 1)
(Figure 4). In order to get some insight into the stability of
natural flaws, the indentation test shows up as very inter-
esting technique. An indentation leaves a permanent
imprint, which is the source for a residual stress field that
chiefly arose from the volume strain around the “plastic”
or “process” zone. If the stress concentrates at the tip of
the natural flaw in glass, the pop-in of crack can be
observed. This is called the indentation-induced cracking,
and the onset for cracking can be detected by slowly
increasing the indentation load and monitoring acoustic
emission, or direct in-situ observation. Actually the driving
force for the opening of cracks from the indentation corners
depends much on the glass composition. The E/H ratio and
Poisson’s coefficient were identified as key parameters to
estimate the intensity of the relevant stress component.42,43

This is illustrated in the isocontour map in Figure 7 for the
tangential normal stress r//(h = p/2) (where // is the
angle around the loading axis, and h the angle to it; h = p/2
corresponds to the surface). It is noteworthy in Figure 7
that glasses with large m will develop large residual stresses
and are prone to extensive radial cracking. However, bear
in mind that a sufficient toughness might impede the for-
mation of cracks, as for example the indentation edges
become blunted. This is presumably why ductile metallic
glasses exhibit no visible cracking, and to a lesser extent
why oxynitride glasses (with KIc > 1 MPa�√m) experience
limited cracking, while sulfophosphate and chalcogenide
ones suffer from extensive damage. Remark in Figure 7
that the low brittlness glasses developed by Sehgal et al.,51

with E/H~14.7 and m~0.18 are precisely in the red coloured
areas corresponding to the zero-stress contours for
rrr(h = p/2) (and in the compressive side for rrr(h = 0)
and r//(h = p/2)).

Indentation tests with sharp indenters are of great inter-
est to evaluate the resistance of glass to crack initiation,
which can also be viewed as a criterion for the resistance
toward mechanical surface damage. The critical load (Pc)
from crack initiation at the indentation site is not easily
measured. First of all, different types of cracks stem from
an indentation loading experiment, some of them being
hardly detectable either because they are located beneath
the surface or because they align with the indentation
edge.74 Besides, indents that seem to be optically crack
free, turn out to have some microcracks when observed at

FIGURE 5 The effect of non-bridging oxygens on the failure
strains of silica, binary silicate, and sodium aluminosilicate glass
fibers in liquid nirogen68

FIGURE 6 Weibull distributions of the liquid nitrogen failure
strains for xNa2O-(1�x)SiO2 glasses using faceplate velocities of
4000 lm/s (open symbols) and 50 lm/s (closed symbols)68
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much smaller scale by AFM or SEM. In addition, some
cracks show up with some delay, after complete unloading.
The critical indentation load corresponding to either the
occurrence of cracks from two indentation corners (Vickers
test) or to achieve a 50% cracking probability75 is illustrated
in Figure 8 for several families of glasses, together with the
prediction of two popular models developed by Lawn et al.1

and Hagan.76 Although these latter models provide a qualita-
tive description of the observed tendencies in some cases,
they don’t seem appropriate for a quantitative estimation of
Pc for glasses with various compositions. Pc does mostly not
follow a KIc

4/H3 relationship, as was proposed in Refs.
[1,76]. To the best knowledge of the authors, no model is
able to provide a reliable prediction of the micro-cracking
initiation load in glasses yet. Again, models inherited from
an elasto-plastic analysis of the mechanical fields at the
indentation site are poorly suited to glasses. Densification
and the pile-up of matter by isochoric shear, as discussed in
previous papers,42-44,78 need to be taken into account. The
mean crack length over the four corner cracks produced by a
9.81 N load (Vickers test) is shown for sake of comparison
for different glass systems in Figure 9. Of course, direct
measurement or determination of the residual stress is of pri-
mary importance to evaluate the critical load for indentation
cracking. Birefringence technique,79 cathodoluminescence
technique,80 and modelling81,82 are on-going works to obtain
the residual stress map around the indentation imprint.

4 | DEPENDENCE ON THE GLASS
ATOMIC STRUCTURE AND
COMPOSITION

In order to compare the fracture surface energy and the
fracture toughness of glasses from different chemical sys-
tems or with different compositions within a given system,
it is interesting to reach theoretical expressions for both c
and KIc shedding lights on the particular importance of
some structural characteristics such as the atomic binding
energy, the atomic packing density, the specific mass, the
molar volume etc. A relatively simple approach to predict-
ing c and KIc in a quantitative manner consists in assuming
that a propagating crack extends following a path disrupt-
ing the weakest links of the energy landscape and to esti-
mate the surface energy from the bond strength and the
bond concentration along this fracture surface. Although
this theoretical analysis eludes any relaxation or surface
reconstruction mechanism on the fracture path, and further
ignores the fine structural details of the atomic network, it
was found to provide c and KIc values in agreements with
the experimental ones when such values were available.83

In this approach, the intrinsic (or theoretical) fracture sur-
face energy is obtained from the surface density of repre-
sentative structural units and from the relevant bond
strength. Let q and Mo be the glass density (specific mass)
and the molar mass of a representative unit (gram-atom of
glass), then the volume concentration of the gram-atom is
expressed as:

qv ¼
q
Mo

N (3)

where N is Avogadro number.
The surface concentration is then

qs ¼
q
Mo

N
� �2=3

(4)

A plausible value for c is obtained by considering the
number and the type of bonds involved in the fracture
process as the crack proceeds through the considered
structural unit. Let xi be the stoichiometric fraction of the
species involved in the ith diatomic bonding energy Uoi

(in J mol�1), between the ith cation and a first neighbor
oxygen anion in the case of an oxide glass, and let ni be
the number of such bonds supposed to be broken as the
crack front propagates to the next unit, then c is
expressed as

c ¼ 1
2

q
Mo

� �2=3

N�1=3
X
i

xiniUoi (5)

where the ½ prefactor on the right hand side member
accounts for the fact that the bond disruption process leads

FIGURE 7 Indentation cracking map showing the intensity of
the driving force (i.e. the normal tangential stress component r// at
the surface (h = p/2)) for the opening of radial cracks from the
indentation corners (from Ref. [43]). The red line is where r//

vanishes. Numbers indicate the stress intensity normalized to hardness
on the corresponding iso-contour
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to the formation of two complementary surfaces (a crack
has two walls).

The bond dissociation energy in polyatomic molecules,
radicals or structural units is notoriously difficult to mea-
sure accurately since the mechanism involved in the mea-
surement is usually not well known. In order to estimate
the A–O cation-oxygen bond strength, where both ele-
ments participate in a crosslinked glass network, Sun84

proposed to consider the dissociation enthalpy D°(AxOy) of
the AxOy compound and to divide this quantity by x and
by the coordination number of A to oxygen. Recall that
D°(AxOy) is simply the sum of the atomization enthalpy
(gaseous species) of the atoms (xΔfH(A,g) + yΔfH(O,g))
and the negative of the enthalpy of formation of AxOy

(ΔfH(AxOy)). A major disadvantage of this method is that
the coordination number is required, and this number
might experience changes from one chemical system to
another, and even within a glass network for a given ele-
ment. Besides, this approach ignores any other interactions,
such as the repulsive O–O one in the first coordination
shell around A, which would result in an underestimation

of the attractive A–O bond energy. Another way consists in
simply taking the A-B bond dissociation energy in the AB
diatomic molecule, D°(A-B), which is the standard enthalpy
change for the fission reaction, usually measured by spec-
troscopy or mass spectrometry. Of course, in this latter
case, the bond electronic properties is usually quite differ-
ent from the actual ones in the connected network. Indeed,
the fission enthalpy can be seen as an upper bound, corre-
sponding to the limit case where all the binding energy
concentrates in a unique bond. In what follows, the first
way is referred to as Sun’s method, and the second one as
the D°(A-B)0 method. Both ways are further explored and
discussed for different chemical compositions.

The actual volume occupied by the gram-atom of glass
is mostly significantly larger than the sum of the volumes
of the individual atoms constituting this unit, as estimated
from the ionic radii (i.e. assuming a particular value for the
corresponding valency and coordinence) taken from the lit-
erature,85

P
i
4=3p xir3i . This is where the atomic packing

density comes into play

FIGURE 8 Critical load for
indentation cracking (Vickers test/surface
radial cracks). Pc is defined as the load
required to generate two radial cracks on
average or to achieve a 50% cracking
probability.75 H is hardness (Pa) and KIc is
fracture toughness (Pa m0.5). Data from
Refs. [41,42,44,77,78,116]. Models by
Lawn et al. and Hagan are from Refs. [1]
and [76] respectively

FIGURE 9 Correlation between
Young’s modulus and the Vickers
indentation crack length (surface cracks) for
a 9.81 N load
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Cg ¼
P

i 4=3p xir3i
Vo

(6)

where Vo is the molar volume (gram-atom).
Let’s further write <Uo> the mean bond strength consid-

ered in the fracture process, <Uo> =
P
i
xiniUoi, then c can

be written

c ¼ 1
2

X
i

4=3p xir3i

 !�2=3

N�1=3Cg
2=3 \Uo [ (7)

This expression emphasizes the independent roles that
play Cg and <Uo>. Equation (5-7) and KIc = (2cE0)1/2 (E0:
the plane strain Young’s modulus) were applied to 22
glasses with known elasticity and fracture toughness char-
acteristics (Table 2) (Figure 10), including 7 commercial
glasses from different glass making companies. The way
the calculation is done is discussed case by case for the dif-
ferent chemical systems under scrutiny. These few exam-
ples show that an efficient packing (large Cg) might
compensate a weak bonding energy and vice-versa, and
that a minimum surface energy estimation is in agreement
with the experimental values. A simple bond energy
approach of fracture toughness was already proposed by
previous authors86 for brittle materials. In this former study
the surface energy for the fracture of crystalline solids was
calculated for various crystallographic orientation using the
actual lattice constants and the relevant bond dissociation
energies. KIc was then derived accounting for the elastic
moduli for the crystallographic orientation of concern. The
model was extrapolated to simple amorphous materials
having the same stoichiometry as the studied crystals
assuming that the actual surface energy of the glass scales
with its density and is proportional to the one of the crys-
tal, which results in overestimations for c and KIc of most
of the studied glasses.86 In the present model, the glass
density comes to the power 2/3

cðglassÞ ¼ cðcrystalÞðqðglassÞ=qðcrystalÞÞ2=3 (8)

Recall that an elastic moduli reflects a volume density of
energy (a Pa is a J�m�3) and that some correlation exists
between the bulk modulus K, the overall dissociation enthalpy
(<ΔHa dissoc>) of the glass network,

87-89 and the molar volume
(Vo = M/q), then neglecting Poisson’s ratio effect, Young’s
modulus [E = 3(1�2 m)K] is proportional to the glass density

E / ð\DHa dissoc [ =MÞq (9)

Finally, we obtain

KIcðglassÞ=KIcðcrystalÞ � ðqðglassÞ=qðcrystalÞÞ5=6 (10)

Validity of Equations (8) and (10) supposes that crystal
and the corresponding glass with the same stoichiometric

composition have strong similarities from the energy view-
point. In a comparative study of the indentation cracking
behavior of (Na,Ca,K)-aluminosilicate glasses90 a correla-
tion was proposed between KIc and the fraction of non-
bridging oxygen atoms, since KIc was found to be continu-
ously increased from 0.92 to 1.22 MPa�√m as the non-brid-
ging oxygen content was decreased from 34.36% to
13.36%. However, our results using the CN and SEPB
methods, do not corroborate such a tendency. Pure a-SiO2

is characterized by a KIc value very similar to the one of
soda-lime-silicate glasses, and the IF method sounds inap-
propriate for a-SiO2 and SiO2-rich glasses since densifica-
tion in those glasses (due to a significant free volume
content) impedes the formation of the radial/median crack
system. In these latter cases, the absence of surface radial
cracks extending from the indentation corner cannot be
related to a dramatic improvement of KIc, as discussed in
Section 2.

4.1 | Amorphous silica

Although amorphous silica (a-SiO2) is often considered as
a model glass material, it possesses unique - and somewhat
anomalous - properties that deserve for an independent
paragraph. For instance a-SiO2 is characterized by a low
atomic packing density preventing from reaching high elas-
tic moduli and toughness in spite of a relatively strong
interatomic bonding. For pure a-SiO2, the gram-atom writes
Si1/3O2/3 and weights 20 g/mol. With a specific mass of
2.2 g cm�3, this gives a molar volume of 9.1 cm3

(Vo = Mo/q). A surface concentration of the gram-atom unit
of 1.64 1019 m�2 is further obtained by means of Equa-
tion (4). Such a calculation for the surface density was
already proposed to estimate the surface density of silicon
atoms at the surface of silicon dioxide powder91 and along
a crack path of a-SiO2 samples.92 The fracture surface
energy is then calculated using Equation (5) considering
that one Si–O bond is broken per Si-O4/2 tetrahedron
[ni = 1 in Equation (5)] since the crack front is likely to
travel to the next unit once a Si–O–Si bridge between two
tetrahedra is broken. The one disrupted Si–O bond per
tetrahedron hypothesis was previously found to provide a
maximum bound for the number of dangling bonds per unit
area of fracture surface in amorphous silica.92 Considering
first the D°(A-B) estimation, a value of 799 kJ mol�1 is
reported for the Si–O bond,93 which gives a value of
3.62 J m�2 for c. A theoretical prediction for KIc is then
achieved, taking (E, m) = (70 GPa, 0.15). A value of
0.718 MPa�√m is finally reached, which is in agreement
with the experimental values (0.73) as measured using the
DCC method, in inert environment to prevent against mois-
ture effects.94 Then, using the thermochemistry data from
Ref. [93], a dissociation enthalpy of 1859 kJ mol�1 is
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calculated for SiO2. Following Sun’s model, this further
results in a Si–O bond energy of 465 kJ mol�1, and in c
and KIc of 2.1 J m�2 and 0.55 MPa�√m, which are signifi-
cantly smaller than the experimental values. It was sug-
gested by West et al.95 using a semi-empirical molecular
orbital calculation that fracture in a-SiO2 is accompanied
by a reconstruction of the fracture surface, according to
which large (four- to six-fold) silica rings contract to form
smaller rings, with consequently an energy barrier for frac-
ture as small as 38 kJ mol�1 (which would lead to theoreti-
cal c values of less than 1 J m�2 and KIc smaller than
0.4 MPa √m) for an Si–O–Si bridge within a sixfold ring
structure. Fracture was thus expected to proceed through
the large-membered rings. This reconstruction mechanism
was later corroborated by the fact that the number of

silanol groups counted on a fracture surface is less than the
theoretical number of broken bonds.92 Nevertheless, the
agreement between the theoretical values we have reached
in the present study without accounting for any reconstruc-
tion process and possible relaxation mechanism at the crack
tip, and the experimental ones which were abundantly
reported in the past 50 years, and always gave KIc between
0.7 and 0.9 MPa�√m and c between 3.7 and
4.5 J m�2,94,96-100 suggests that the fracture surface energy
is strongly correlated to the standard enthalpy change of
the Si–O bond dissociation reaction, and to the surface
concentration of such bonds. This result gives credit to the
analysis of Schultz et al.101 who concluded that fracture is
a dynamic process and might therefore not comply with
the structural features identified by molecular orbital

FIGURE 10 Theoretical KIc values
(from c, Equation (5)) as a function of
experimental values, mostly obtained by
means of self-consistent methods, when c is
calculated from (A) the bond dissociation
energy of the relevant diatomic molecules
(fission enthalpy), D°(A-B), or (B) the
dissociation enthalpy of the constituents,
D°(AxBy) (Sun’s model)
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simulation or post-mortem physio-chemical investigations.
They pointed out for instance that charge balance is a nec-
essary condition for cleavage planes in ionic crystals
(planes resulting in more positive charge on one side and
more negative ones on the other are excluded) and that
cleavage planes in crystals were often not following easy
slip planes, and couldn’t be easily predicted from the char-
acteristics of the crystal structure.

In what follows, for sake of simplicity, and because the-
oretical results were found to compare well with the experi-
mental ones, we will consider that the crack extends along
a lowest energy path within the characteristic energy land-
scape of the glass atomic network.

4.2 | SiO2-based alkaline and alkaline-earth
glasses

As far as the amount of alkaline and alkaline-earth cations
is small enough to keep the number of non-bridging oxy-
gen per SiO4/2 tetrahedron smaller than one in average the
calculation is made the same way as for a-SiO2, consider-
ing the atomic fraction (xi) of every cation entering the sto-
ichiometric formula of the glass, i.e. accounting for the
weak A–O and/or AE–O bonds in the network. For
instance, starting first with the D°(A-B) values as for
a-SiO2, UoNa-O = 256.1 kJ mol�1 and UoCa-O = 383.3 kJ
mol�1, so that the addition of Na2O and CaO leads to a
decrease of the mean gram-atom bonding energy <Uo>
for a soda-lime silica glass (such as a window glass, WG)
in comparison to a-SiO2. However, thanks to a significant
concomitant increase of Cg, a fracture toughness value of
0.734 MPa�√m is predicted, i.e. very close to the value for
a-SiO2, and again in agreement with the experimental
value (0.68-0.72), as obtained by means of self-consistent
methods in inert environment or at a velocity large
enough to reduce stress corrosion.94 It is noteworthy that
the compensation of the smaller energy content by a bet-
ter packing density is also effective on the elastic moduli
(EWG�Ea-SiO2). Values around 0.69 MPa�√m were calcu-
lated for titanium sodium silicate glasses. These values are
also close to the experimental ones (0.60 to 0.68)44 but
KIc tends to be overestimated as the Na2O/SiO2 ratio is
increased from 0.116 to 0.263 (Figure 10A). It is sug-
gested that as soon as the overall alkaline and alkaline-
earth content exceeds half the silica content, at least one
non-bridging oxygen forms per silica tetrahedron so that
fracture is supposed to follow these weak bond path. The
fracture energy and fracture toughness of a barium tita-
nium silicate with 30 mol% BaO for 60 mol% SiO2 were
calculated accounting solely of the fractions of barium
cations for <Uo> in Equation (7), and values of
2.32 J�m�2 and 0.614 MPa�√m were obtained. A KIc value
of 0.47 MPa�√m was measured by the SEPB method.102

Such a difference is likely to stem from the fine details of
the atomic network organization, among which barium
being preferentially localized near titanium-based structural
units, where Ti is mostly 5-fold coordinated to oxygen,
and Ti–O bond strength being less than the Ba–O
one.103,104 Again, when the theoretical prediction is car-
ried out with Sun’s model, KIc values are typically 30%
smaller than the experimental ones (Figure 10B).

It is noteworthy that theoretical and experimental values
are in agreement in the case of more complicated composi-
tions such as those of the seven commercial glasses49,105

included in the analysis. In the case of the phosphate-based
laser glass, the calculation was also done assuming one
bond breakage per phosphor-based structural unit (mostly 3
single bond oxygen links and one double bond with a
fourth oxygen) (Figure 10).

4.3 | B2O3-based glasses

Amorphous boron oxide (a-B2O3) and B2O3-rich glasses
are prone to shear flow under a sharp indenter and to den-
sification, to a lesser extent than a-SiO2 though. This is
likely why the theoretical KIc values calculated for pure
B2O3 glass (0.35-0.43 MPa�√m, where boron is three-fold
coordinated to oxygen in Sun’s model) sound quite small
in comparison to the results from the IF method
(0.954 MPa�√m),106,107 or from the SENB method
(1.3 MPa�√m),108 which are the only available data for a-
B2O3 to the best of the knowledge of the authors. It is
noteworthy that for the SENB method, Vernaz et al. used a
0.35 mm thick diamond disc. Such a large notch is also a
likely source for the overestimation of KIc. Therefore, in
the absence of reliable toughness values for a-B2O3, the
available IF and SENB values were not plotted in
Figure 10.

A series of lead and zinc borate glasses with different
amount of copper were recently characterized by means of
the SEPB method14 and it turns out that for all composi-
tions but the zinc-copper borate with 10 mol% CuO, the
theoretical KIc values calculated with the D°(A-B) values
under the assumption that only Pb-and Zn–O bonds are
met on the fracture path, are in the 0.33-0.36 MPa�√m
interval, i.e. near the value predicted for pure a-B2O3. The
theoretical values are in agreement with the experimental
ones, which range between 0.35-0.42 MPa�√m (Table 2),
or on similar glasses by the controlled surface microflaw
technique.109 Shinkai et al.109 found a toughness of
0.39 MPa�√m for the B2O3(50 mol%)-PbO(50 mol%) com-
position. It is noteworthy that despite a relatively large
fracture surface energy for a-B2O3 (c = 4.99 J�m�2),
mainly due to the strength of the B–O bond (UoB-O = 809
and 394 kJ mol�1 with the D°(A-B) and the Sun’s models
respectively) the theoretical fracture toughness is about the
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same as for the lead- and zinc- borates glasses containing
50 mol% PbO and ZnO respectively, and characterized by
much smaller values for c (<1 J m�2), thanks to a much
larger elastic moduli, for the Pb- and especially for the
Zn-borate glasses than for pure B2O3 glass. Toughness
values obtained by indentation cracking method on pure
a-B2O3 are about 0.9 MPa.√m.106,107 This is much larger
than the theoretical prediction. Let’s recall that borate-rich
glasses (say containing more than 20 mol% B2O3) experi-
ence significant densification at the Vickers indentation
site,45,110 and besides that some inelastic shear flow is
also likely to occur in a-B2O3 due to the low glass transi-
tion temperature of this glass (268°C)111 and to the net-
work being built on trigonal boron units. Therefore, the
higher experimental values of KIc are probably related to
the remarkable plasticity at the crack-tip in B2O3-rich
glass and/or to less residual stress due to significant
densification.

4.4 | Silicon oxynitride glasses

Silicon oxynitride glasses are obtained by conventional
melting in argon or nitrogen atmosphere, typically up to
1750°C, adding some nitride compounds such as AlN and
Si3N4 in the powder mixture. Nitrogen is found in the glass
network to substitute for oxygen and to form Si-(O,N)4
tetrahedral units, where nitrogen is mostly connected to
three tetrahedra. Since nitrogen is three-fold coordinated
whereas oxygen is two-fold coordinated, a signifiacnt
improvement of the cross-linking degree is achieved, which
results in better mechanical properties in general. For
example Young’s modulus as high as 150 GPa is typically
measured on glasses from the RE-SiAlON system (RE: Y,
Nd, Lu etc.).112 In such glasses, the mean energy (<Uo> in
Equation (7)) is calculated considering that one Si-N bond
is broken per Si atom involved in Si–N bonds (Si(O,N)4/2
tetrahedra). The amount of such Si atoms is taken as 3/4xN
(as in Si3N4), and the remaining silicon forming Si–O
bonds equal to xSi-3/4xN. For example, for the
Y0.123Si0.185Al0.07O0.547N0.075 glass composition, using the
D°(A-B) approximation, UoSi-N, UoAl-O, UoY-O are equal to
437.1, 501.9 and 698.1 kJ mol�1 respectively. A fracture
energy of 4.04 J m�2 and a theoretical toughness of
1.15 MPa�√m are then easily calculated. The theoretical KIc

value is quite close to the experimental one of
1.05 MPa�√m measured by the Indentation Fracture
method.113 The theoretical values for silicon oxynitride
glasses are in the range 0.862-1.15 MPa�√m and are close
to the experimental values, ranging between 0.95 and
1.18 MPa�√m,114 including a CN measurement for one
grade.115 It is thus concluded that the toughness of silicon
oxynitride glasses with 5 to 20 at.% nitrogen is near
1 MPa�√m.

4.5 | Chalcogenide glasses

The so-called “Chalcogenide” glasses are based on a
chalcogen element (but oxygen) such as S, Se, Te, to
which four fold coordinated elements such as Ge, Si are
usually added, as well as pnictogen elements (As, Sb,. . .)
(15th column of the periodic table). Although these glasses
have the reputation of being extremely brittle, there are
very few reports on the fracture properties in general and
on fracture toughness in particular. The GexSe(1�x) exam-
ples considered here were chosen because KIc as well as c
were measured by means of the CN method.116,117 In this
chemical system, Ge and Se are four fold and two fold
coordinated respectively and the numbers of Ge–Se and
Se–Se bonds are 4x and (1�x)�2x respectively, provided
1�x ≥ 2x, i.e. x ≤ 1/3, which is the case for the two com-
positions reported in Table 2 and Figure 10. A quite satis-
factory prediction was then obtained by means of
Equation (5) using D°(Ge–Se) and D°(Se–Se) equal to
484.7 and 330.5 kJ mol�1 respectively.93 Dissociation
enthalpies provides another mean of estimation of the
bonding energies. The dissociation enthalpies of amorphous
Se and GeSe2 were taken from the calorimetric study by
Boone et al.118 Following Sun’s approach, bonding ener-
gies of 222 and 227.6 kJ mol�1 were calculated for the
Se–Se and Ge–Se bonds respectively, which are in agree-
ment with those published earlier by Shkol’nikov.119 The
theoretical calculation is then performed picturing a
GexSe(1�x) glass as a mixture of xGeSe2 and (1�3x)Se
amorphous phases, further assuming that only one Ge–Se
bond is broken per GeSe4/2 tetrahedron, similar to the way
the theoretical estimation was carried out for silicate
glasses regarding SiO4/2 tetrahedra. The theoretical predic-
tion is then within 15% of the experimental data (Table 2).
In addition, the decrease of KIc with the increase of the
germanium content is also predicted. Indeed, a maximum
of KIc was observed for the Ge0.2Se0.8 composition by
means of the indentation fracture method.116 This maxi-
mum isn’t predicted using the present simple energy
approach. Recall that KIc as estimated from the fracture
surface energy is related to the crack propagation regime,
and thus does not account for the physics of the initiation
process. The x = 0.2 composition corresponds to the perco-
lation threshold at which a change from a flexible atomic
network to a rigid one is supposed to occur in the ideal
case where atoms are homogeneously distributed (no chem-
ical segregation such as phase separation etc.). Although
changes are continuous with no visible transition at x = 0.2
when bulk properties (elastic moduli, hardness, glass transi-
tion temperature) are investigated,120 on the contrary some
transition might be seen when local or confined processes
are under scrutiny. A maximum of KIc was recently
observed by molecular dynamic simulation121 and was
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attributed to some blunting process at the crack tip upon
loading at x around 0.2, whereas the crack is sharp as soon
as it extends at x < 0.2 (flexible range) and in the stress-
rigid range (x > 0.2). The situation is even more critical in
the case of ductile glasses, for which the apparent values
for c and KIc greatly overestimate the intrinsic values.

4.6 | Metallic glasses

In the case of metallic glasses, the apparent fracture surface
energy is much larger than the one obtained from a simple
energy calculation based on a bond breaking process. In
such materials where some plasticity was evidenced at the
crack tip, with a “plastic” zone size extending from 10 nm
for Fe- and Mg- based alloys to 10 lm for Pd-, Ti-, Cu-
based alloys,122 KIc can reach values as high as several tens
of MPa�√m.123 Values between 35 and 110 MPa�√m were
reported for Zr- and Cu-based glasses,124-126 and eventually
above 100 MPa�√m for precious metal based alloys.31 Nev-
ertheless, in the case of non-transition metal host elements
such as Ce, Ca, and Mg that develop more directional
bonding through better localized f (for Ce) and sp (Ca,
Mg) electrons, are much more brittle. For Ce-based and
Mg-based122,127 metallic glasses, KIc is typically smaller
than 10 and 2 MPa�√m respectively. As was pointed out in
an overview of the fracture toughness of bulk metallic
glasses,128 the measurement of KIc of metallic glasses
raises serious problems, which partly explain why for a
nominal glass composition KIc values are so much scat-
tered. A major difficulty lies in the specimen machining,
with a pre-crack or flaw sharp enough to reach the intrinsic
material property. Relatively tough glasses (such as Zr- or
Cu-based ones) might be suitable to operate a fatigue pre-
crack, but others are too brittle. In these latter cases
notched samples where mostly used, and owing to the size
of the process zone (typically less than few tens of
microns), the resulting so-called “notched” toughness val-
ues are likely to be much larger than the intrinsic tough-
ness. In addition, it was reported that as the free volume
content decreases (after annealing) a significant decrease in
toughness follows. This observation does not seem consis-
tent with the fundamentals of the intrinsic toughness asso-
ciated to the crack propagation regime, which scales with
the surface density of energy on crossing the atomic net-
work. It could possibly be interpreted on the basis of the
crack initiation process though. As was further noticed by
Xu et al.,128 the underlying physics, including the relevant
length scale, still need to be elucidated. For all these diffi-
culties inherent to metallic glasses, data plotted in Fig-
ures 1 and 9 are limited to fragile metallic glasses such as
Fe- or Mg-based ones. For example, for the
Zr55Cu30Al10Ni5 glass, taking the metallic radius for the
metallic elements and considering that the relevant bonding

energy is between the one of Cu–Cu (Uo = 201 kJ mol�1)
and the one of Zr–Zr (Uo = 298 kJ mol�1), a values of
~0.53 MPa�√m was estimated for KIc, which is about two
orders of magnitude smaller than the experimental value.126

4.7 | Chemical heterogeneities and phase
separation

It is well known that borate-based glasses tend to be phase
separated, and that in chalcogenide glasses some edge-shar-
ing tetrahedral units might form even when the amount of
chalcogen atoms isn’t favorable, because these latter atoms
prefer to form chains (of sulphur, selenium etc.) than inter-
tetrahedral bridges introducing more constraint. There are
also various properties and structural results in most glasses
which suggest chemical segregation and heterogeneities,
among which the mixed alkali effect for example, or the
sudden drop of the viscosity as very small amounts of
impurities are added to amorphous silica. Authors are
aware of these complexities, which definitely affect the
fracture toughness.106,107,121,129,130 The aim of this section
was to provide some straightforward and almost ab-initio
picture (the glass density and the elastic moduli were taken
into account) of the fracture toughness in the absence of
any reliable better tool, and solely considering the nominal
glass composition for sake of simplicity.

It is noteworthy that the experimental KIc values and the
theoretical ones derived from Equations (2) and (5) are in
agreement when the interatomic bonding energy of a given
bond within the glass network is taken as the dissociation
enthalpy of the diatomic molecule, further assuming that as
the crack front meets a structural unit such as a tetrahedron,
only one arm is broken (Figure 10A). KIc values predicted
using the Sun’s approach, are typically about 30% smaller
(Figure 10B). Nevertheless, in both cases a quite good cor-
respondence is noticed between experimental and theoreti-
cal values. When Sun’s values for the bond strengths are
used, the 1/2 prefactor in Equation (5) should be replaced
by 0.71.

5 | TOWARD TOUGHER GLASSES

5.1 | State of the art

There has been long lasting efforts to improve the fracture
toughness of glass. The different strategies that were identi-
fied so far as well as the remaining open questions are
reviewed.131 Extrinsic methods such as thermal and chemi-
cal tempering, and coating techniques proved quite satisfac-
tory and lead to innovative technologies and industrial
products. On the contrary, intrinsic toughening methods
based on the atomic bonding character and the atomic
structure still don’t meet the expectations, but perhaps for
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bulk metallic glasses. For given oxide compositions, within
binary to quaternary chemical systems, KIc isn’t found to
change by more than say 20%-30% at maximum, which in
absolute values means that KIc is mostly below 1 MPa�√m
and the glass behaves brittle. Some relative success was
achieved by glass to ceramic conversion, by means of more
and more refined thermal treatments, to meet specific
glass-ceramic microstructures. In view of the abundant lit-
erature addressing extrinsic methods and glass-ceramic
materials, the present analysis is limited to the role of the
composition and atomic structure.

As far as the mechanical behavior at a crack tip
remains purely elastic, the crack will be almost atomically
sharp and, whatever the local bond strength, fracture will
occur under a relatively weak far field loading. The agree-
ment we observed between the experimental KIc data (self-
consistent methods) and the theoretical prediction based on
the estimation of c, suggest that in most inorganic glasses
but the metallic ones, the “propagating crack” toughness,
i.e. the quantity determined from c by means of Equa-
tion (2), is the experimentally measured characteristic, i.e.
the quantity mostly estimated from the critical stress at the
onset of crack extension. This leave little room for crack
tip dissipation or relaxation processes. With this in mind,
and consistently with the Irwin-Griffith similarity relation-
ship (Equation (2)), KIc can be enhanced by increasing E
and c. Actually these two latter material characteristics are
both intimately governed by the atomic binding energy
and the packing density (Equations (7) and (9)). E can be
increased by 30% relatively easily by playing on the com-
position within a chemical system.88,89 For example, the
addition of 10 mol% MgO and 10 mol% CaO to SiO2

(diopside stoichiometry) leads to an increase of E from 70
to 100 GPa. This increases is expected to provide a 20%
increase of KIc (say from 0.73 to 0.87 MPa�√m) regardless
of the effect of c. Much larger values for the elastic mod-
uli were achieved by introducing significant amounts of
rare-earth oxides in the composition, and/or by synthesis
under controlled atmosphere (to produce nitrides or car-
bides), with some detrimental consequences on the trans-
parency and on the production cost though. Unfortnately,
reliable fracture toughness data on these “exotic” glasses,
which are mostly not available as large batches, are lack-
ing yet to validate this approach based on Equations (7)
and (9).

In order to reduce the lever arm that expresses the
concept of stress intensity factor, some energy dissipation
is needed in the crack front region. Two dissipation mech-
anisms were identified in glasses at room temperature:
densification, and isochoric shear flow. Densification
occurs in glasses with large free volume contents
(Cg < 0.51), such as silica-rich glasses. This process is
favorable to the formation of Hertzian-type cracks to the

detriment of radial and lateral cracks at indentation sites.
Therefore densification seemingly provides a better resis-
tance to visual damage at the surface of glasses indented
with sharp objects. Efforts in this area resulted in glasses
with outstanding indentation cracking resistance (Fig-
ure 3). Nevertheless, the singular stress field at the vicin-
ity of a crack tip is associated to a positive hydrostatic
component, and the maximum tensile stress is the driving
force for crack extension. Therefore, the resistance to
indentation cracking isn’t expected to be a criterion for a
better toughness. As a matter of fact, a low Cg doesn’t
result in a large KIc. Instead, according to Equation (7) a
small Cg is undesirable, following the example of ceramic
foams or porous refractories, which are known to behave
brittle as the crack finds easy paths. Isochoric shear flow
is observed in seemingly brittle materials when the stres-
ses are large enough to compensate for the lack of ther-
mal activation. Shear lines or bands are clearly seen in
metallic glasses where Cg is typically larger than
0.6,125,126,132 but ductility is particularly significant in
metallic glasses with m > 0.33 such as the precious metal-
based or Zr-based ones. Although shear localization obser-
vations are somewhat less convincing in non-metallic
glasses, there is no question regarding a shear transport of
matter, as evidenced by the formation of pile-up at inden-
tation sites.39,42,76,133 Shear deformation mechanisms
might be activated along the crack front and was seen so
far to be the major possible source for ductility. Interest-
ingly, and in contrast with silicate glasses, there is no
straightforward correlation between Cg and m for metallic
glasses. For instance, Fe-, Ti-, and Pd-based MGs have
roughly the same Cg (~0.63-0.65) but their m values
spread from 0.28 to 0.43 (Figure 11).

5.2 | What Poisson’s ratio tells?

Poisson’s ratio can be viewed as an index of the ability
of a glass to experience shear flow and shear relaxation
processes at indentation site and at crack tip as well. It
was reported for both oxide and metallic glasses that as m
is increased, shear flow becomes more and more impor-
tant and, eventually ductility shows up. This is a direct
consequence of the fact that as m is increased, isochoric
shear becomes more and more predominant over volume
change. This is of course a classical result or description
of the theory of linear elasticity. So what is actually obvi-
ous in the framework of elasticity, can somewhat be trans-
posed to the irreversible flow regime. Bear in mind that
any viscous or plastic flow is associated to an energy bar-
rier that is by an overwhelming part of elastic origin. As
far as shear processes are concerned, the shear modulus,
l, comes into play. Recall that m = (3K�2l)/(6K + 2l),
then
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Equation (11) indicates that as m becomes larger, shear
becomes easier (l decreases). As a matter of fact, it was
reported that piling-up at indentation sites becomes more
and more pronounced as m is increased.41,42 For instance,
isochoric shear transport of matter to form pile-up at the
surrounding of Vickers imprints was found to account for
over 40 % of the indentation volume for oxide glasses with
m > 0.28 (for example fluorite and borosilicate glasses with
over ten oxide constituents) which mostly exhibit an atomic
packing density larger than 0.55. Nevertheless iono-cova-
lent glasses with large Poisson’s ratio offer little room for
densification, and hence experience extensive radial and
subsurface lateral (leading to chips) cracking from Vickers
indents (Figure 7). For example silicon oxynitride glasses
with m typically as large as 0.3 and in spite of an excep-
tional mechanical performance (E as large as 150 GPa are
common for rare-earth containing silicon oxynitride
glasses) are very sensitive to radial-median cracking. In the
opposite, very high levels of densification (up to 80%),
which correspond to Poisson’s ratio below say 0.2 (as for
a-SiO2), lead mostly to the formation of ring-cone crcaks at
moderate loads, and are often associated to glasses that are
not easy to process (high melting points, high viscosity). In
order to reduce the intensity of the stress field that builds
up on indentation, it is inferred from the physics of the per-
manent deformation processes41,43 that Poisson’s ratio in
the 0.25-0.33 range should be avoided, unless the E/H ratio

is smaller than say 7 (Figure 7). Interestingly there are
compositions in silica-rich alkali-alkaline earth silicate and
in boro-silicate glasses for which the stress field is
expected to remain very small. It turns out that the so-
called “less brittle” glass developed in the 1990’s by Seh-
gal et al.,51 with E/H~14.7 and m~0.18 is precisely in the
optimized region (diffuse red solid line in Figure 7) with
regard to the internal stress field acting as a driving force
for indentation cracking. But, unfortunately, this does not
entail a large fracture toughness. There are glasses with m
larger than 0.33, for instance in metallic systems,123 but
also possibly in oxynitride ones. In such materials shear
plasticity is promoted and favours a ductile behavior. The
fracture energy of bulk metallic glasses with m > 0.32
exceeds the one of oxide glasses by 2 to 4 orders of mag-
nitude.134 Although a regain of toughness is thus expected
at large m, and is indeed observed for metallic glasses, there
is no one to one relationship between KIc and m for ionoco-
valent glasses (Figure 1).

5.3 | Toughness and electrons

The ease for shear deformation (flow) or for densification
(pressure) is closely controlled by the nature of the prevail-
ing interatomic bonding, and thus by the electronic band
structure. Unlike oxide silicate glasses metallic glasses
exhibit no straightforward correlation between Cg and m
(Figure 11). As was shown recently,135 m is found to
increase as the difference in electronegativity between the
host metal and the major solute elements decreases, so that
a ductile behavior is expected for De� < 0.5 (correspond-
ing to m > 0.33). This correlation also holds for monocon-
stituent oxide glasses and hence provides an explanation to
the variation of m observed for seemingly “isostructural”
glasses (Figure 12). A general trend among materials and
structures which proved to be scale-independent is that m
decreases as the connectivity increases.136 This rules holds
for macrostructures such as construction frames or cellular
systems, as well as for atomic-scale structures, such as
glass atomic networks. In ionocovalent solids, 2D and 3D
atomic networks are favored thanks to the strength and the
directionality of the bonding. It is thus inferred that in the
case of metallic glasses, non transition metal host elements
such as Ce, Ca, and Mg, develop more directional bonding
through better localized f (for Ce) and sp (Ca,Mg) electrons
giving rise to a relatively small m. Some evidence for this
is provided by the electronegativity difference between the
host and the two major secondary elements, and the
remarkable correlation found between m and De� which
suggests that m primarily depends on the bond directionality
and connectivity rather than on Cg.

In the case of metals, the delocalization of the electrons
and the weakness of the bond directionality is the

FIGURE 11 Poisson’s ratio as a function of the atomic packing
density for silicate and metallic glasses135
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fundamental source for ductility, i.e. the ease for shear plas-
ticity and relaxation processes at crack tip as well as at the
vicinity of geometrical singularities. The “good” metals are
also the ductile ones! In the case of glasses, enhancing the
electron mobility can be achieved by playing on the compo-
sition, introducing cations showing up with different valen-
cies, such as Mn, Cr, Cu etc. Large amounts of copper (up to
40 mol% CuO) were introduced in phosphate137 and in
borate14 glasses as well with the aim to favor electron hop-
ping, and the dependence of KIc on the copper content and
valency was studied. An increase of the indentation cracking
resistance with the amount of Cu+ was noticed in the case of
the phosphate glasses. However, KIc measurements (by IF
method though) suggest a decrease from 0.92 to
0.56 MPa.√m as the overall amount of copper is increased
from 45 to 55 mol%. Yao et al.14 (Table 2) have shown that
by replacing lead with copper in lead borate glasses, E and
Cg are increased, and both the indentation cracking resistance
and KIc are improved, while m remains almost constant
(�0.29). However, an opposite trend is observed as copper
substitute for zinc in zinc borate glasses, possibly because
zinc brings more to the mechanical performance than copper
thanks to a network tightening effect (Cg is much larger with
zinc than with copper (or lead)) while UoZn-O and UoCu-O are
rather close. The pronounced increase of the optical density
(near 400 nm) as the Cu content increases is indicative of an
increase of the Cu+⇔Cu2+ electron transfer transition espe-
cially at CuO content larger than 5 mol%, corresponding to m
values close to 0.3, which is remarkably large for oxide
glasses.

6 | CONCLUSION AND
PERSPECTIVES

By reviewing the different experimental methods that are
currently used to estimate the fracture toughness of glass,
we came to the conclusion that the SEPB and CN ones,
being self-consistent and well established, should be privi-
leged. In spite of the obvious advantages of indentation-
based methods, such as the ease to proceed and the small
sample size required, such methods should be avoided
inasmuch as possible. Inorganic glasses cover a relatively
wide interval of values for c and KIc. c varies from less
than 1 J m�2 for chalcogenide and borate-rich glasses
(with Zn, Pb, and Cu for example), to over 3 J m�2 for
silicon oxynitride glasses. KIc is in the 0.2-1.4 MPa�√m
interval. A theoretical estimation of c from the average
surface density of atomic bonds on the fracture path and
from the relevant bond strengths, and the subsequent calcu-
lation of KIc by means of the elastic properties, is found to
predict toughness values in agreement with the experimen-
tal ones. This suggests that the experimental toughness
data correspond to the crack extension regime and can be
viewed as close to the intrinsic values. This corroborates
previous observations of crack tips in brittle materials such
as glasses and ceramics, which brought to light the atomic
sharpness of the crack tip. As a matter of fact, although
metallic glasses are disadvantaged by a smaller bond
strength (in average), they exhibit much larger toughness
due toughening mechanism occurring at the crack initiation
stage. In this latter case, measuring the intrinsic toughness
still remains challenging. Some guidelines to improve the
fracture toughness are proposed, among which playing on
the composition in order to (i) reduce the resistance to
shear deformation, either by enhancing the atomic packing
density (which often leads to an increase in Poisson’s
ratio), or by lowering Tg (which always lead to an increase
of m measured at ambient temperature), (ii) promote elec-
tron mobility (good metals are ductile, and electron hoping
can be induced in glasses with multivalent transition metal
ions), or (iii) lower the electronegativity mismatch between
the host and the major solute elements (especially for
metallic glasses). Besides, designing glass-based materials
with innovative atomic/molecular organizations, as in
phase-separated and nano-crystallized systems, open very
promising perspectives.
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